The use of stiff cantilevers with diamond tips allows us to perform nanoindentations on hard covalent materials such as silicon with atomic force microscopy. Thanks to the high sensitivity in the force measurements together with the high resolution upon imaging the surface, we can study nanomechanical properties. At this scale, the surface deforms, following a simple non-Hertzian spring model. The plastic onset can be assessed from a discontinuity in the force-distance curves. Hardness measurements with penetration depths as small as 1 nm yield H = ϳ 25 GPa, thus showing a drastic increase with penetration depths below 5 nm.
I. INTRODUCTION
Nanomechanical properties of materials have aroused high interest in the last recent years, since they often differ from the macroscopic values when small volumes are involved. 1 In these cases we are experimentally approaching theoretical limits and it has to be asked whether or not classical equations from the continuum mechanics apply or if, on the contrary, other formulations concerning the nanoscale should be implemented. One example of these limits involves the doubtful meaning of hardness when penetration depths in the order of the nanometers are involved. 2 For many years the determination of surface properties such as hardness, Young's modulus, shear stress, and yield threshold has been mostly performed in indentation experiments with traditional indenters first in the milliscale and later in microscale. These measurements have given rise to applied forces in the order of thousands of micronewtons and to penetration depths in the order of a hundred nanometers. Lately, thanks to the high-force-sensitivity nanoindenters, indentations with penetration depths as small as 20 nm have been performed, mostly on gold surfaces. 3 Recently, the use of atomic force microscopy ͑AFM͒ to characterize the surface once the indentation has taken place has become crucial to study the plastic deformation details induced on the surface with nanometric resolution. The combined use of a nanoindentor to perform indentations and AFM to study the perturbed surface have yielded valuable results in the last recent years. [4] [5] [6] Amidst its advantages we outline the possibility of applying high loads, thanks to the hard ͑diamond͒ indenter used. On the other hand, the use of AFM both to perform the indentation measurements through the force spectroscopy mode and to visualize the surface before and immediately after the indentation has provided a very useful tool to study surface properties with nanonewton and nanometer resolution in real time. 7, 8 AFM has its advantages when it comes to performing spectroscopy, especially the fact that it has a very good force and distance sensitivity ͑thanks to the precise lever springconstant calibration and to the high piezosensitivity, respectively͒. Moreover, no sample transfer is needed between the two workstations. However, there are also some shortcomings in using AFM to perform nanoindentation tests, namely, the small tip size, the difficulty in having stiff cantilevers able to indent and acquire high-resolution images at the same time, and, last but not least, the slip friction force of the cantilever while indenting the surface. 9 We have overcome those drawbacks by using a stainless-steel cantilever with a diamond tip able to acquire both high-sensitivity forcedisplacement curves and high-resolution AFM images in tapping mode ͑TM͒. The use of such a stiff lever ͑ϳ300 N / m͒ prevents the lateral bending of the lever, and since the tip and sample are perpendicularly aligned all force information is recorded in the vertical direction. Therefore, since our main concern is to study the elastic region and the first stages of plastic deformation of the surface ͑low forces͒, the use of small tips together with a high sensitivity in the lever deflection and a piezodisplacement measurement makes it a clear advantage to our purposes.
The onset of plastic deformation has also been extensively studied at the atomic scale with the use of AFM, mode. It was found 11 that the threshold force depends on the number of scans performed on a selected surface area. The force at which the onset of plastic deformation takes place is lower in this case than when performing a typical forceextension curve presumably due to the role that shear forces play when scanning the sample at high loads. For example, in the case of indentations on KCI ͑001͒ single crystals, the onset of plastic deformation has been reported to happen in UHV at 9 nN ͑Ref. 12͒ after scanning the surface at high loads and at 98 nN ͑Refs. 20 and 21͒ when performed under force-extension curves at 0% relative humidity ͑RH͒. Surface in-plane interactions were attributed the greatest role in surface breakthrough. In a similar way, while the onset of the plastic deformation of mica occurs in contact mode after scratching the sample at 85 nN, 11 the yield threshold force value occurs at ϳ16 N ͑Ref. 21͒ in the case of performing indentation with the force spectroscopy mode.
We have previously studied the elastic deformation of materials at the nanoscale and the first stages of plastic deformation in ionic halide single crystals. In those studies we found that ionic 20 materials break layer by layer due to electrostatic repulsion between the ions in the lattice as the AFM tip penetrates the surface. 21 Before reaching the yield threshold force, i.e., before breaking, the material deforms elastically, but instead of following a Hertzian deformation, we deduced a simple spring model that fitted very well the experimental data. 20 Besides, gold nanoindentation has also deserved experimental works. In this case the force-separation curves for the plastic regime also show a discrete-yieldingevent phenomenon, these excursions being interpreted as slip band dislocations. 22 Thus, the question arises as to how covalent materials deform and break since they lack an electrostatic charge repulsion and also do not have in principle the possibility of releasing energy in form of slipping planes and whether this yield threshold point can be assessed from the force-displacement curves. 23 To this aim we have performed nanoindentation experiments on silicon, one of the most studied surfaces due to its technological applications. As a relatively hard material, silicon has applications in microand nano-electro-mechanical systems ͑MEMS and NEMS͒, thus of great interest in understanding interface phenomena that occur at this scale. A number of both experimental and theoretical works ͓through molecular-dynamics ͑MD͒ simulations͔ have been published in recent years dealing with silicon nanoidentation, especially concerning the first stages of plastic deformation, [24] [25] [26] [27] where the atomistic details for the diamond→ ␤-tin phase transition have been studied.
The aim of this work is thus to show that the use of an appropriate AFM cantilever provides enough sensitivity to study both the elastic deformation of the surface and the onset of the plastic deformation on hard covalent materials such as silicon, thus being able to extract mechanical properties for the first time when indentation depths are as small as 1 nm.
II. EXPERIMENT

A. Sample preparation
Silicon ͑111͒ wafers ͓Siltronix ͑Archamps, France͒ n-Phosphor, 5 -15 ⍀ cm, with thickness of 500-550 m͔ and silicon ͑100͒ wafers ͓TOPSIL ͑Denmark͒ n-Phosphor, 1-10 ⍀ cm͔ have been etched with hydrofluoric acid ͑Merk, Suprapur, Germany͒ and immediately transferred to the AFM setup under Ar flow. SiO 2 ͑1 m͒ was thermically grown at 700°C over a Si ͑111͒ surface.
B. Force spectroscopy and AFM imaging
Nanoindentation experiments were performed with a Nanoscope IIIA AFM ͑Digital Instruments, Santa Barbara, CA͒ under argon flow ͑humidity control͒ using two stainlesssteel cantilevers ͑individually calibrated in factory using the Cleveland method yielding spring constant values of k c Ϸ 273.4 N m −1 and k c Ϸ 265.0 N m −1 ͒ with a diamond tip from Veeco. The tip radius was individually measured by imaging a silicon grating ͑Micromasch, Ultrasharp, TGG01, silicon oxide 3-m pitches͒. 28 Images were acquired in tapping mode at an oscillating amplitude of 64.1-60.0 kHz. Regarding force spectroscopy measurements, applied forces F are given by F = k c ϫ⌬, where ⌬ is the cantilever deflection. The surface deformation is given as penetration ͑␦͒ evaluated as ␦ = z − ⌬, where z represents the piezoscanner displacement. The amplitude of the oscillating cantilever was set to zero prior to every indentation experiment. The cantilever deflection was calibrated by acquiring ⌬ vs z curves on the flat surface of a clean diamond single crystal. Assuming that the diamond remains undeformed upon indentation it follows that ␦ = 0 and thus ⌬ = z. To avoid nonlinearity and creep effects of the piezoscanner, indentation data were always calibrated with force curves having equal tip velocities and piezo ramp sizes. This experimental procedure is critical for a correct calibration. Actually, the piezoelectric sensitivity ͑V/nm͒ changes a great deal when changing the indent velocity. We chose 1.8 m / s as the optimal velocity ͑see Suppl. information, Fig. SI1͒ . 35 The value of the "X rotate" parameter is set at 12°as indicated by the manufacturer. This prevents an additional lateral motion during nanoindentation due to the scanning force microscopy design. To ensure that little lateral contribution is present when acquiring a force plot we have simultaneously acquired the lateral signal and the vertical signal, as represented in Fig. SI2 . 35 As it can be seen from the figure, the lateral contribution is practically negligible when dealing with such stiff cantilevers, so that all the information is set in the z direction.
C. Hardness calculations
The projected area A projected of the indentation was measured by pixel counting in the AFM image using NANOSCOPE III 5.12r3 software, and the hardness was calculated using the formula H = F yield / A projected .
III. RESULTS AND DISCUSSION
A. The elastic region Figure 1 shows a 2.5ϫ 2.5 m 2 image composed of a set of seven subsequent indentations on a Si ͑100͒ surface. The force plots corresponding to six indentations are also shown. The first two indentations ͓1͑a͒ and 1͑b͔͒ and the last two ͓1͑e͒ and 1͑f͔͒ are much deeper than the other three. These three ͓from which 1͑c͒ and 1͑d͒ are shown͔ correspond to plastic deformation, even though these are the first stages after the plastic onset. In fact, we realize that in curve 1͑c͒ and 1͑d͒ the yield threshold ͑discontinuity in the plot, pointed with dark arrows͒ takes place at ϳ18 N, much lower than the 60 N reported. 7 Concerning the other indentation curves ͓Figs. 1͑a͒, 1͑b͒, 1͑e͒, and 1͑f͔͒, for which indentations are much deeper, the discontinuity takes place at the same force value, though the tip is then forced to penetrate the substrate at a greater extension, up to ϳ8-10 nm. Thus, unlike ionic and metal materials, covalent surfaces present a unique discontinuity in the force plot, this discontinuity being related to the "true" yield threshold of the surface. To the best of our knowledge, this is the first time that the yield point has been experimentally determined with monatomic scale indentations and correlated to the forcedistance curve for a covalent sp 3 surface. We can use AFM to modulate the extension of indentation we want to exert on the sample. This is even more evident in Fig. 2 , where two 2.5ϫ 2.5 m 2 AFM images on an indented H-terminated Si ͑100͒ surface are shown. In Fig. 2͑a͒ indentations are performed at a maximum load of ϳ35 N ͑penetration depths of up to ϳ15 nm͒ whereas in Fig. 2͑c͒ about 80 N ͑ϳ45-nm tip penetration͒ were applied. In both cases the force plots ͓Figs. 2͑b͒ and 2͑d͔͒ present the discontinuity ͑black arrows͒. Before reaching this point, the surface undergoes a fully reversible elastic deformation, but no permanent and irreversible perturbation is induced ͑this fact can be assessed by taking an image of the surface after the force plot has been recorded͒. Above this point, the surface is being indented, giving rise to a constant linear dependence between force and penetration depth. Here we have to point out that no "excursions" or jumps have been seen in more than 300 individual curves, just like the ones observed in brittle materials, gold, or even covalent materials when the applied loads are in the order of the millinewton. 29 Indeed, excursions or pop-ins have been described in the force-distance curves for different materials at high forces ͑in the order of millinewton͒ and high penetration depths ͑Ͼ20 nm͒. This has been attributed to a variety of mechanisms including 2 image of a H-terminated Si ͑100͒ surface after six consecutive indentation experiments have been performed at a constant maximum applied force. ͓͑b͒ and ͑d͔͒ Indentation plots corresponding to one of the six debris present in ͑a͒ and ͑c͒, respectively. sudden nucleation of dislocations, microfracture, thin-film debonding, or, more generic, any process which results in a sudden release of strain energy. 5 In any case, we can clearly assess that in the case of silicon pop-ins cannot be attributed to the onset of plastic deformation, since it happens at a much lower force ͓in our case, ϳ16 N for Si ͑100͔͒. The same behavior has been observed for ionic halide single crystals, where "big" pop-ins occur at a force much higher than the yield threshold force ͑ϳ100 nN͒. 21 If we concentrate on the elastic region of the force distance plots, when the penetration depth ␦ is negligible against the indenter radius R͑␦ Ӷ R͒, elastic deformation has been classically defined through the Hertz equation for a paraboloid indenter:
where E * stands for the reduced Young modulus. However, in nanoindentation experiments conducted with AFM tips the radius of the tip R is of the same order of magnitude as the indentation depth ␦, thus beyond the boundary conditions of the Hertz equation. We have demonstrated that experimental data do not fit such equation. 20 Instead, we have developed a simple model that simulates the dynamics of the deforming surface as n-coupled springs ͑the spring constants k and length d s at zero elongation are assumed to be constant͒, in which the induced perpendicular counterforce to the surface as a function of the deformation is
where d s can be interpreted as the radius of the region affected by the elastic deformation around the indentation point and k is the effective elastic constant linking the inplane deformation and vertical deformation of the material ͑see inset of Fig. 3͒ . Figure 3 shows the elastic region of a H-terminated Si ͑111͒ surface. The solid grey line is the result of fitting experimental data with our spring model, and solid black line is the best fit to the Hertz model by letting E * as a free adjustable parameter. It is clear then that in this case the elastic response is again non-Hertzian and that the simple spring model can be also used to describe the deformation of pure covalent materials. Furthermore, it is known that anisotropy plays a key role on the mechanical properties of surfaces. On a nanometric scale this fact has been experimentally proven for gold surfaces. 22 In order to study this effect with silicon surfaces we have compared the elastic region for Si ͑111͒, Si ͑100͒, and silicon oxide ͑SiO 2 ͒ surfaces. Figure 4 shows the elastic region and the onset of plastic deformation for the three surfaces. The yield threshold values are found to be 19± 2 N for Si ͑111͒, 16±3 N for Si ͑100͒, and ϳ8 N for SiO 2 . In this latter case the yield threshold determination is more difficult since there is no clear discontinuity in the indentation plot probably due to the amorphous nature of SiO 2 . Thus, the yield threshold has been obtained by relating the maximum applied force with subsequent imaging of the incipient indented surface. Note that for Si ͑111͒ the yield threshold value occurs at a slightly higher force ͑ϳ3 N͒ and at a penetration depth ϳ1 nm smaller than for Si ͑100͒, thus reflecting the higher Young's modulus and hardness value for the more compact ͑111͒ structure. Regarding SiO 2 , silicon oxide is easily deformable compared to both silicon orientations, corresponding to an amorphous, isotropic material. The elastic region of all three curves has been fitted to the spring model, yielding in this particular case k = 12152, d s = 4.98 for Si͑111͒, k = 5998, d s = 4.4 for Si ͑100͒, and k = 2071, d s = 3.90 for SiO 2 . The greater k value for Si ͑111͒ than for Si ͑100͒ can be interpreted in terms of the stronger in-plane interactions ͑in-plane surface stiffness͒ arising between neighboring bonds of the surface acting together under the deformation produced by the AFM tip. This is in agreement with the highly packed structure of the ͑111͒ orientation compared with that of ͑100͒, which may be responsible for its mechanical compliance. SiO 2 shows, instead, a lower k value, thus indicating the lower degree of lattice ordering ͑amorphous material͒ or the lower bond energies between the atoms present in the surface. The values of d s are related to the radius of the region that is elastically deformed before the rupture ͑which is larger than the actual contact area͒. The results of fitting the experimental data to the spring model are summarized in Table I for several independent indentation curves.
From these values, it is clear that the stiffness of the ͑111͒ surface is higher than that of the ͑100͒ surface and, of course, much higher than that of silicon oxide. The obtained d s values correspond to ϳ10.5 at. distances in Si ͑111͒ ͑a = 0.543 nm͒, which give an idea of the region that is reversibly elastically deformed around the indentation point before the rupture ͑yield͒. Overall, these parameters give a new picture of the events prior to the yield point, which is hardly accessible by any other means besides simulation. It has to be pointed out that the fit has been applied to the whole elastic region, not only to the onset of the curve. Since the Hertz equation does not apply at this order of magnitude, Young's modulus at this scale is difficult to extract from experimental data. Alternatively, the slope of the linear region of the elastic regime ͑stiffness͒ could be also a good option when it comes to the study of elastic deformation at this scale ͑see Table I͒ . Interestingly, MD simulations lead to the same conclusion, 32 where simple ⌬F / ⌬z ratio was recommended instead of using Eq. ͑1͒ to study the elastic response of the surface.
B. The plastic region: Hardness measurements
The hardness of the substrate is calculated as
where F max stands for the maximum value of the repulsive force measured during loading and A projected is the corresponding projected contact area. Thus, one of the critical steps when measuring hardness is the correct measure of the projected affected area. Due to the good resolution of our AFM images we have calculated A projected by pixel counting. Traditionally, the measure of hardness was found to be independent of the penetration depth, thus characterizing the studied material under nearly all circumstances. However, as more sensitive techniques have been developed, the dependence of hardness upon indentation size and the increase in hardness with decreasing load ͓indentation-size effect, ͑ISE͔͒ has become obvious. 29, 32, 33 For silicon nanoindentation it has been reported that for penetration depths greater than 20 nm hardness values were reported to be 14.2 GPa. 34 As the indentation depth was reduced down to 2.5 nm, the hardness value has been seen to increase up to 16.6 GPa. 7 The question that arises at this point is whether this hardness value increases when penetration depths are ϳ1 nm, which has not been previously accessible experimentally. Figure 5͑a͒ shows the dependence of hardness with indentation depth ͑h c ͒ for indentations up to 12 nm deep on Si ͑111͒, 7 Si ͑100͒, and SiO 2 . For clarity, the data is replotted as histograms of hardness value for the depth intervals h c Ͻ 1, 1 nmϽ h c Ͻ 5 nm, and h c Ͼ 5 nm ͓Figs. 5͑b͒-5͑d͔͒. The hardness for each material and interval was taken as the average or by fitting a Gaussian± standard deviation ͑s.d.͒. The results are summa- Table II . For deep indentations ͑h c Ͼ 5 nm͒ the hardness obtained with our method is very similar for all samples and in good agreement with the hardness obtained with nanoindenters. However, as the indentation depth is decreased, the measured hardness increases ͑up to 40% for Si ͑100͒ below 1 nm͒. These results thus confirm that the ISE is observed during atomic scale indentations ͑Ͻ1 nm͒, following the trend found in previous works. 7 It is important to point out that those results are in the direction that MD simulations show for the first angstroms of plastic deformation. In this case 32 it is predicted that for a sharp tip indenting Si ͑100͒ and Si ͑111͒ surfaces, H = 52 GPa and H = 89 GPa, respectively. When using a flat tip, H = 57 GPa͑100͒ and H = 30 GPa͑111͒. Therefore, our experimental results are halfway between the traditional hardness measurements performed at Ͼ8 nm and the results obtained through MD simulations. There is a caveat, however, concerning the determination of the projected area of deformation with the same tip used in the indentation. As the dimensions of the indentation approach those of the tip radius ͑70± 1 nm͒, the tip convolution may result in an underestimation of the indented area, which could account for the observed increase in hardness at depths below 1 nm. However, this is not the case in the control experiment with SiO 2 ͑Fig. 5͒ which yields a constant hardness at all penetrations, including those below 1 nm, demonstrating that the error in the area measurement is not significant or that, at least, it follows the same tendency for the whole range of penetration. The ISE is thus only observed in Si ͑100͒ and Si ͑111͒.
IV. CONCLUSIONS
We have performed nanoindentation experiments with an AFM tip on silicon surfaces. Thanks to the great sensitivity of diamond tips, we can use AFM both to perform nanoindentation through the force spectroscopy mode with nanonewton resolution and to image the surface immediately after the force plot is acquired with nanometric resolution. We have experimentally demonstrated that the yield threshold value occurs at a force lower than that ever reported experimentally and that it can be correlated with a discontinuity in the force plot for covalent sp 3 surfaces such as silicon. The elastic region of the surface does not follow the Hertz equation but, instead, can be fitted to our proposed spring model. Furthermore, we can differentiate between differently oriented silicon surfaces, thus highlighting the importance of anisotropy on the mechanical response of the system even at the nanometer scale. Concerning the first stages of the irreversible plastic deformation, silicon breaks, following a continuous trend. Last but not the least, focusing on the plastic region, we have calculated nanohardness values for silicon surfaces at penetration depths lower than those ever reported, and we confirmed that the indentation size effect is also observed for penetration depths below 3 nm. At this order of magnitude, our experimental results approach the results obtained through MD simulations of the first stages of silicon nanoindentation.
